We have studied the structural stability of thin γ-iron films on Cu(001) and Cu(111) substrates using molecular-dynamics simulations in combination with a semi-empirical model. Experimentally, the stability of such films has turned out to depend on (growth-) temperature and film thickness. On increasing thickness or decreasing temperature the films undergo a structural change to the bcc structure, which is well reproduced by our simulations. An analysis of the local atomic environment of the films after the structural transformation shows that, especially on Cu(001), only parts of the film accomplish the transformation to the bcc structure. Considerations of the atomic displacements during the transformation allow us to give an explanation of the different stability of the films on Cu(001) and Cu (111) 
I. INTRODUCTION
The structural and magnetic properties of thin films usually differ from those of the corresponding bulk materials. This allows the study of systems under conditions which cannot be realized by bulk systems. A well known example of this is the stabilization of fcc (γ-) iron on a copper substrate.
Bulk γ-Fe is only stable between 1184 and 1666 K while at lower temperatures the stable phase is bcc (α-) iron [1] . Despite of this numerous experimental investigations have shown that it is possible to grow thin γ-Fe films epitaxially on Cu(001) or Cu(111) surfaces at room temperature [2] [3] [4] [5] [6] [7] [8] [9] [10] [11] . The structural and magnetic properties of such films are still under discussion due to the complex magnetic behavior of γ-Fe. Nevertheless, there is much experimental evidence that in case of Fe on Cu(001) three different growth regimes have to be distinguished [4, 8] : Films with a thickness of less than approximately 5 monolayers (ML) grown near or below room temperature show an fct-like structure with complex superstructures and a high-moment ferromagnetic state [9, 12] . In the region of ≈5 to 10 ML a layer by layer growth of nearly isotropic fcc-Fe films is observed for growth at room temperature. In this regime the films show an antiferromagnetic layer-coupling in the interior of the films [13] and a ferromagnetic coupling of the surface layers [4, 8, 12] . Above a thickness of about 10 ML the fcc structure transforms to a twinned bcc structure [7] . Many different values for the maximum thickness of stable γ-Fe films on Cu(001) have been reported. The reason for these discrepancies is that the onset of the structural transformation depends on several parameters. It has been shown that lower growth temperatures lead to a lower critical thickness of the films, while a higher background pressure (e.g. by CO molecules) stabilizes the fcc structure. Moreover, subsequent cooling of γ-Fe films grown at room temperature might lead to the formation of the bcc structure as well as mild sputtering does [7] . The maximum thickness of isotropic γ-Fe films on Cu(111) surfaces is significantly lower than on Cu(001). Values between 2.3 and 6 ML have been observed [3, 10, 11] . Films thicker than these values undergo a structural transformation to the bcc structure similar to the case of Fe/Cu(001).
In this paper we focus on the stability of γ-Fe films on Cu(001) and Cu(111) surfaces. We have not looked at the differences between the first two growth regimes of Fe/Cu(001). These differences are certainly connected with changes in the magnetic structure of the films, which are beyond the scope of the model used in our computations. The rest of this paper is organized as follows: In the next section we give a short description of the model and the computational methods used in our calculations. The results obtained from computer simulations of Fe films on Cu(001) and Cu(111) are presented in section III. Finally, a short summary of the results is given in section IV.
II. COMPUTATIONAL METHODS
In this study we used the method of moleculardynamics (MD) simulations to investigate the structural stability of thin iron films on copper substrates. MD simulations have turned out to be a useful tool in the study of equilibrium and non-equilibrium phenomena of solids like thermal properties, crack propagation, contact mechanism, structural transformations, surface phonons, and many others.
Any kind of atomistic computer simulation requires a reliable model for the description of the interactions between the atoms. In our simulations we have made use of a model based on the embedded-atom method (EAM) of Daw and Baskes [14, 15] , since this method is able to give a better description of the elastic properties of metals than ordinary pair-potentials do. Within our simulations the energy of the system is written as
where the indices i and j denote individual atoms; α i , α j = Fe, Cu refer to the species of the corresponding atoms, and r ij is the separation of atoms i and j. The function F αi represents the embedding energy of atom i depending on the background charge density
which is superposition of the contributions ρ at αj of all atoms j except i. The second term in Eq. (1) is a screened Coulomb potential with the effective charges Z αi .
The functions F αi and Z αi are cubic spline functions which have been fitted empirically to the properties of pure iron and copper. In case of iron we fitted these functions using the experimental data of lattice constant, cohesive energy, vacancy formation energy, elastic constants and some phonon frequencies of α-Fe. Details of these calculations and the parameters of the resulting functions can be found in [16] . It has to be noted that this EAM-potential is based on the data of ferromagnetic α-Fe only. As a consequence, this potential is best suited for a description of the high-moment ferromagnetic state of γ-Fe [17] . Nevertheless, this model has successfully been applied in simulations of the bcc to fcc transformation in iron-nickel alloys and should therefore also be suitable within the context of this work. For copper we used the functions of Gui et al. [18] which were obtained by a fit to the experimental data of lattice constant, cohesive energy, vacancy formation energy and elastic constants of copper. In both cases the atomic contributions to the background charge density ρ at αj are calculated with the help of the wave-functions of the valence electrons in free atoms tabulated by Clementi and Roetti [19] .
In an atomistic MD simulation of a solid the classical equations of motions of the atoms are numerically integrated and thermodynamical averages are calculated from the resulting trajectories [20] . For the integration of the equations of motions we adopted the velocity Verletalgorithm (see e.g. [20] ) with a time increment of 1.5 fs and the Nosé-Hoover-thermostat method, which leads to a canonical distribution of the atomic configurations [21] . Artificial surface effects have been minimized through the use of periodic boundary conditions in the directions perpendicular to the film normal, while changes of size and shape of the simulation cell were allowed using the scheme of Parrinello and Rahman [22] .
The initial configurations of our simulations consisted of regular arrangements of atoms on a perfect fcc lattice with randomly chosen velocities according to the Maxwell-Boltzmann distribution. The following geometries have been used: 7 ML Fe on Cu(001), 15 ML Fe on Cu(001), 6 ML Fe on Cu(111), and 14 ML Fe on Cu(111). Since every real film inevitably contains a number of defects we introduced about 2 % of vacancies into the systems. This high concentration has been chosen in order to guarantee a significant number of vacancies in the simulation box and to emulate the effect of other defects like dislocations and grain boundaries. The influence of this defects has been studied by additional simulations of defect free films in case of Fe/Cu(001). The total size of the configurations was about 21
3 lattice constants containing approximately 37 000 atoms. The surface normal was oriented along the z-axis of the simulation cell. Actually, our systems contained two free surfaces: One iron surface at the top of the system and one copper surface at the bottom. However, we have only studied the iron surface except for the relaxation of the interlayer spacing which we have analyzed at both surfaces as well as in the vicinity of the Fe/Cu interface. In order to check for finite size effects additional simulations have been carried out using configurations with a lateral size of 10, 15, 30, and 40 lattice constants.
At the beginning of the simulation runs the initial configurations had to be equilibrated at the desired temperature. In order to do this, we simulated the systems over a period of 500 simulation steps and rescaled the instantaneous temperature of the systems at every 50th step. Afterwards the normal parts of the simulation runs began, which consisted of a sequence of successive short simulations with a length of 300 time steps. From the mean positions of the atoms during these runs we calculated the percentage of iron atoms with a local bcc environment. The simulation runs ended when no significant change of this value was observed for a longer period. The structure of the local environment of an atom was determined by the following procedure: An atom was assumed to have a bcc environment if the standard deviation of the distance of its ten nearest neighbors is larger than 0.02 a B . Here we make use of the fact that the first nearest neighbor shell of the bcc lattice contains only eight atoms while the fcc lattice has a coordination number of twelve. Therefore, the twelve nearest neighbors of an atom in a fcc environment all belong to the same neighbor shell, whereas in a bcc environment two different neighbor shells are involved. Two points have to be noted: First, our method for the determination of the local environment of an atom fails in case of a surface atom due to the different coordination of these atoms. Therefore, we have discarded the surface atoms in the calculation of the percentage of bcc iron. Second, it is rather important that we have used mean atomic positions averaged over 300 simulation steps. If one uses the actual positions of the atoms at one time, thermal fluctuations lead to a much broader distribution of the neighbor separations, making it impossible to distinguish between local crystal structures. Problems arise from the diffusion of atoms in case of the presence of vacancies. If an atom moves into the position of a neighboring vacancy, the mean position of this atom calculated during the hopping process is almost meaningless. This might lead to a slight overestimation of the fraction of atoms with a bcc environment. However, since such processes are rather rare the resulting error is small and should not influence the observed general tendencies.
III. RESULTS

A. Fe on Cu(001)
The interatomic potentials we used in our simulations have only been constructed on the basis of bulk properties of iron and copper. Therefore, it seemed to be appropriate to check the reliability of the EAM model in the context of surface phenomena. In order to do this, we compared the interlayer distances near the surface predicted by the model with experimental results. As will be discussed below, simulations of the configurations with 7 and 15 ML Fe/Cu(001) without vacancies showed no structural change at 300 K. From these simulations we derived an inward relaxation of the first copper layer by 3 %. This is somewhat larger than the experimental values which are in the range of 1 to 2 % but compares well with the results of other interatomic potentials (see [23] and references therein). At the iron surface we found an inward relaxation of the outermost layer by nearly 7 %. In this case the experimentally observed value depends on the magnetic structure of the film. Wuttig et al. report a inward relaxation of 2 % for a 5 ML film, whereas they found a considerable outward relaxation in films with 6 to 11 ML Fe/Cu(001) [7] . This difference is caused by the antiferromagnetic coupling in the interior of the thicker films which reduces the layer separation of the deeper layers. Again it turns out that the EAM model is best suited for a description of ferromagnetic γ-Fe. The large value of the relaxation we find is a consequence of the fact that the EAM model predicts rather low elastic constants for γ-Fe at low temperatures [17] . In addition to the relaxation of the surface layers, we also studied the interlayer distances near the iron-copper interface in our systems. Here we find a pronounced increase of the separation of the first two iron layers by 6 %. Although this effect might be an artifact of the short interaction range of the repulsive pair-potentials in the EAM model, it would be interesting to check this result experimentally.
The main subject of this work is the investigation of the structural stability of iron films on copper substrates. Figure 1 shows the resulting (stable) configuration of the system with 15 ML Fe/Cu(001) and 2 % vacancies after simulation over a period of 13.5 ps. The blue color indicates atoms with a local bcc environment, while atoms with an fcc environment are drawn in orange. From this figure it is clearly visible that not all of the iron atoms transformed to the bcc structure and that the amount of bcc iron decreases in the interior of the film. The resulting complicated domain structure consisting of channels of α-Fe going down from the surface can be seen in detail in Fig. 2 , where the iron film is shown slice-wise. The fact that only a part of the film transformed to the bcc structure, has also been observed in experiments [24] . However, to the best of our knowledge no experiments so far revealed the topology of the resulting domain structure.
In Fig. 3 and 4 the surface structures of the initial configuration and the transformed film are compared. While in Fig. 3 the regular square structure of the fcc unit cells can be seen, the stretched hexagons drawn in Fig. 4 are characteristic of (110) bcc planes. The occurrence of two different orientations of the hexagons is a consequence of the fact that the transformed film possesses a twin structure with (112) twinning planes and [111] shear directions. This twin system is rather typical of the bcc structure [25] . The formation of twin variants reduces the atomic movement necessary to accomplish the structural transformation. Without the twinning plane the transformation of fcc to bcc would require a macroscopic deformation of the iron film which is rather unfavorable since the copper substrate retains its fcc structure. We generally find from our simulations a separation of 5 to 10 (112) bcc planes between the twinning planes. The same width has been found in simulations of systems with lateral sizes of 10, 15, 30, and 40 lattice constants. This shows that the width of the stripes is not influenced by finite size effects, but is determined by the transformations process and elastic energies. If one compares Fig. 3 (110) bcc , given by the film geometry, is called the Pitsch orientation [26] . It has experimentally been observed by Wuttig et al. [7] in their scanning tunneling microscopy investigations of Fe/Cu(001). These authors also report the formation of twin variants similar to those we find in our simulations. The orientational relationships are further illustrated by Fig. 5 which schematically shows two variants of the distorted hexagons of the (001) bcc planes in comparison to the (001) fcc planes. The lattice constants have been chosen in such a manner that the atomic volumes of both structures are equal which nearly meets the situation of bcc iron and fcc copper. From Fig. 5 it can be seen that two other crystallographically equivalent variants of the bcc structure could be formed. However, due to the finite size of the systems only two variants occured simultaneously in the simulations.
The amount of iron atoms transformed from fcc to bcc, that we found in our simulations, depends both on temperature and on the thickness of the film. In Table I we present the results which we obtained from simulations of Fe-films on Cu(001) with 2 % vacancies at 50 and 300 K. The fcc structure remained more or less stable in both films at the higher temperature (the small fractions of α-Fe we observed are probably artefacts of diffusion processes), whereas at 50 K both films partially transformed to the bcc structure with the thicker film showing a significantly higher amount of α-Fe. This behavior reflects the experimental observation that the fcc structure of Fe/Cu(001) gets more and more instable with increasing film thickness and/or decreasing temperature. However, some differences between our simulations and experimental results have to be noted. In contrast to our simulations most experimental investigations did not show a stable fcc structure in films with a thickness of 15 ML Fe/Cu(001) at room temperature. Different results are probably related to higher background pressures. This discrepancy is probably caused by the permanent perturbation of the surface and the unavoidable presence of surface steps under experimental conditions. The neglect of these effects might artificially stabilize the fcc structure in the simulation. So far the small fraction of α-Fe we found in the thin film at 50 K has also not been observed in experiments. The corresponding bcc regions appear directly at the surface of the film. It is, therefore, likely that they are connected with the wrong interlayer relaxation at the surface and are caused by the insufficient treatment of magnetic effects by our model. Table II the amount of transformed iron atoms in these films is reported. From this table it can be seen that the amount of transformed iron atoms in these perfect films is strongly reduced with respect to Table I . More serious than this difference in the amount of transformed iron however is the fact that the orientational relationship, which we observed in the films with defects, do not hold for the perfect films. While still the (001) fcc planes are transformed to (110) bcc planes, i.e. (001) Fig. 6 . However, we did not observe the formation of a twinned structure, but instead growth of symmetrically arranged isolated islands of α-Fe within the matrix of γ-Fe.
An explanation of the different transformation behavior of films with and without defects might be given by the total displacement of the atoms during the transformation. The energy of the interface between a region of α-Fe and the copper substrates or the surrounding γ-Fe matrix should be approximately proportional to the square of the displacement (misfit) of the atoms. The sum of the squared displacements of the atoms of one hexagon in Fig. 5 is 0.24 in terms of the fcc lattice constant while in Fig. 6 it is only 0.14 (the sum of the absolute values of the displacements are 1.02 and 0.89 fcc lattice constants, respectively). Therefore, it is clear that the system without vacancies prefers the transformation according to Fig. 6 . However, what is then the reason of the different behavior of Fe/Cu(001) with defects? The vacancies give the system much more freedom to shield the elastic stress originating from the interface. Thus, the influence of other factors on the transformation path might grow due the presence of defects. An important difference between the Pitsch orientation and the Bain orientation is the fact that the Pitsch orientation is a shear-like transformation, while the Bain transformation is purely distortive. Hence the Pitsch orientation might be realized in systems with defects due to a lower activation energy along the transformations path. Another advantage of the Pitsch orientation is the fact that it leads to the formation of long homogeneous stripes. The resulting twin structure requires much less interface energy between the different variants of α-Fe than the spot like islands formed in case of the Bain transformation.
Our explanation of the transformation behavior given above is supported by simulations of Fe/Ni(001) [27] , similar to the simulations presented in this work. In these simulations the Bain orientation occurs only as an intermediate phenomena during the precipitation of the transformation. With an increasing amount of α-Fe, more and more regions of the system switch to the Pitsch orientation. After the transformation has completed only this orientation is present, regardless of the presence of vacancies. On the Ni substrate the sum of the squared displacements of the atoms at the interface gives values of 0.21 and 0.12 for the Pitsch and Bain orientation, respectively (same units as before). Thus, according to our arguments, the realization of the Pitsch orientation on the nickel substrate requires less energy than on the copper substrate and can even be realized without the help of the vacancies.
B. Fe on Cu(111)
From simulations of Fe/Cu(111) films containing 2 % vacancies we found that γ-Fe is generally less stable on this surface than on Cu(001). The amount of iron transformed to the bcc structure in these films is presented in Table III . The presence of small amounts of α-Fe at 300 K and in the thin film at 50 K should have the same reasons as in the case of Fe/Cu(001) which have already been discussed. The orientational relationships we observed in these simulations are (111) fcc (110) bcc and [110] fcc [111] bcc which is the Kurdjumov-Sachs orientation. This is in accordance with experimental observations [3, 10, 11] . Similar to the case of Fe/Cu(001) (with defects) the structural transformation in the simulations of Fe/Cu(111) led to the formation of two variants of the bcc structure forming a twin system. Here too, the finite size of the system prohibited the formation of all crystallographically equivalent variants. In Fig. 7 we show the formation of the distorted hexagon of the (110) bcc planes in comparison to a (111) fcc plane. As before the lattice constants have been chosen in order to get the same atomic volume in both structures. The sum of the squared displacements of the atoms of one hexagon in Fig. 7 is 0.06 in terms of the fcc lattice constant (the sum of the absolute displacements is 0.52 fcc lattice constants). These values are significantly lower than in the case of Fe/Cu(001). Therefore, according to the arguments given above, the stronger tendencies of Fe/Cu(111) to accomplish the structural transformation can, be explained by a lower interface energy.
IV. SUMMARY AND CONCLUSIONS
We have done MD simulations of thin films of iron on Cu(001) and Cu(111) substrates using a semi-empirical EAM-model. In these simulations we were able to reproduce the basic properties of the experimentally observed structural transformation from γ-Fe to α-Fe in such films. In particular, we found a growing tendency of the films to undergo the transformation with increasing film thickness and decreasing temperature. Minor differences between experimental results and our simulations can be explained by the neglect of the growth process during the simulations and the insufficient treatment of magnetism by the EAM model in our calculations.
We have analyzed the local atomic environment of configurations resulting from simulations of Fe/Cu(001). This analysis revealed that actually only a part of the iron atoms transformed to the bcc structure. A visualization of the atomic configuration showed that the amount of α-iron is highest near the surface of the film and decreases in its interior. In this simulations the experimentally observed Pitsch orientation was realized as long as defects (vacancies) were present in the system. During the transformation stripes of two crystallographically equivalent variants of the bcc structure were formed which are separated by twinning boundaries. Experimentally, a similar structure has been found in STM investigations [7] . In contrast to this, simulations of perfect films without vacancies led to different results. In this case the structural transformation was accomplished by a purely distortive Bain transformation and no twin system was formed. This emphasizes the influence of defects on the properties of structural transformations.
Simulations of Fe/Cu(111) showed a significantly reduced stability of the fcc structure in comparison to the simulations of Fe/Cu(001). In these films the bcc structure grew in the Kurdjumov-Sachs orientation and again the formation of a twin system was observed. It is rather remarkable that the simulations of thin films on both substrates revealed the experimentally observed orientational relationships.
The different transformations paths realized in our simulations can be explained in a hand-waving manner by considerations of the total displacement of the atoms during the transformation. From this we conclude that especially the energy required by the formation of an interface between α-iron and the substrate is rather crucial for the structural stability of the films. The films remain stable until this interface energy is balanced by the structural energy difference between α-and γ-Fe growing with increasing film thickness and decreasing temperature.
